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Mechanical properties of 
precipitation-strengthened Ni -AI -Cr  alloy 
based on an NiAI intermetallic compound 

R. MOSKOVIC*  
Department of Metallurgy and Material Science, University of Cambridge, Pembroke 
Street, Cambridge 

Mechanical properties of a ternary alloy Ni-30.3 at. % AI-6.6 at. % Cr have been studied 
in the temperature range 25 to 1100 ~ C. The material was heat-treated to produce a stable 
dispersion of incoherent rod-shaped Ni3AI precipitates, 1/~m in diameter and 20/~m long. 
The tensile properties were found to be temperature dependent. Below 750 ~ C the 
material had high strength, low ductility and low strain-rate sensitivity, whilst above 
750 ~ C the strength fell, ductility increased and the material became strain-rate sensitive. 
The room temperature fracture toughness of the single-phase material was 6 MN m -3/2 
and increased to 50 MN m -3/2 in the two-phase material. This can be attributed to the 
effect of Ni3AI on crack nucleation and propagation. 

1. Introduction 
The mechanical properties of NiA1 intermetallic 
compounds have aroused considerable interest in 
recent years. These properties have been measured 
as a function of both temperature and com- 
position. It has been shown [1, 2] that poly- 
crystalline NiAI is brittle below 0.45 T m . Limited 
ductility has been reported in fine grain sized 
(50/lm) material [3]. Polycrystalline NiA1 is 

ductile at elevated temperatures but this is ac- 
companied by a rapid decrease in strength [3, 4] .  
Russell and Edington [5] have shown that, in 
Ni-36 at.% AI, Ni3A1 precipitates improve the 
low temperature ductility whilst high strength is 
maintained Up to 700 ~ C. The present study has 
been undertaken to determine whether the 
strengthening effect of Ni3A1 precipitates can be 
maintained above 700 ~ C. 

Figure 1 The microstructure of the material 
aged for two hours at 850 ~ C. 
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2. Experimental procedures 
A ternary alloy Ni-30.3 at. % Al-6.6 at. % Cr was 
prepared by argon arc melting, encapsulation in 
mild steel and extrusion at 1100 ~ C. The alloy 
was solution treated at 1300 ~ C for one hour and 
then aged for two hours at 850 ~ C in argon. This 
heat treatment �9 produced a 50% volume fraction 
of incoherent rod-shaped Ni3AI precipitates which 
were 1/lm wide and 20/lm long. Fig. 1 shows the 
microstructure. 

Tensile tests were carried out in an argon 
atmosphere in the temperature range 25 to 1100 ~ C 
at strain rates of 3.28 x 10 -2 sec -1 and 3.28 x 
10-4sec -1. Standard Instron specimens (single 
shoulder) were used. The gauge length was 
28.575mm long with 4.064mm specimen di- 
ameter. Prior to testing the specimens were held 
in the furnace for 45 rain in order to reach a 
constant temperature. As a result of this tempera- 
ture equilibration, the volume fraction of the 
precipitate decreased to 42% at 1000 ~ C and 35% 

at I100~ The precipitate size increased to 
25x 1.8~m and 3 2 x  2.5/am, respectively. No 
microstructural changes were observed during 
the temperature equilibration at the other testing 
temperatures. 

3. Results 
3.1. Tensile testing 
The 0.2% proof stress and strain to fracture are 
shown in Fig. 2. The tensile data for stoichiometric 
NiA1 [4]; compression data for a single phase 
Ni-43 and 41.6 at.%A1 [3]; and compression 
data for both a single phase Ni-36 at.%A1 and a 
two-phase Ni-38 at.% A1 alloy [5] are included 
for comparison. The precipitation-hardened 
material is clearly stronger than the single-phase 
material below 900~ but there is almost, no 
difference above this temperature. 

At the lower strain rate, below 750~ speci- 
mens failed predominantly by cleavage although 
up to 10 to 20% of the fracture surface was inter- 
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Figure 2 Tensi le  da ta  for  the  N i - 3 0 . 3 a t . % A l ,  6 . 6 a t . % C r  a l loy  c o m p a r e d  w i t h  the  da ta  in  the  l i t e r a tu r e  for  single- 
phase  and  tw0-phase  NiA1 al loys.  

0 .2% p r o o f  s tress  

e N i - 3 0 . 3 a t . % A 1 ,  6 . 6 a t . % C r ; ~  = 3 .28  X 10 -4 sec -a ,  A N i - 3 0 . 3 a t . % A l ,  6 . 6 a t . % C r ;  6 = 3 .28  X 10 -4 see -1,  
1 N i - 3 6 a t . % A l ; #  = 1.2 X 10 -3 see -1  [ 5 ] ,  2 N i - 3 8 a t . % A 1 ; ~  = 1.2 X 10 -3 sec -1 [ 5 ] ,  

3 N i - 4 3 a n d 4 1 . 6 a t . % A l ~ = 2 . 2  X 1 0 - 4  see -~ [ 3 ] ,  o N i - 5 0 a t . % A l ; ~ =  1.1 X 1 0 - a  sec -~ [ 4 ] .  
St ra in  to  fa i lure  

4 N i - 3 0 . 3 a t . % A l ,  6 . 6 a t . % C r ; ~ = 3 . 2 8 X 1 0  - 2 s e c  -1, - N i - 3 0 . 3 a t . % A 1 , 6 . 6 a t . % C r ; ~ = 3 . 2 8 X 1 0  - 4 s e c  -1.  
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Figure 3 Brittle fracture in a predominantly transgranular 
cleavage steps. 

granular. The fracture surface was rough, exhibiting 
cleavage steps, crack-branching and considerable 
deformat ion of  the Ni3A1 particles, as shown in 
Fig. 3. Similar observations were reported by  
Russell and Edington [5].  

In the temperature range 800 to 900~ the 
grains deformed extensively but  there was con- 
siderable grain-boundary sliding. There was also 
significant necking of  the specimen during 
deformation.  The Ni3AI laths and grain-boundary 
film were destroyed in the necked region and this 

phase was spheriodized. The fracture was charac- 
teristic of  the "cup and cone" type (Fig. 4). Above 
900~  the deformation was accompanied by 
extensive grain-boundary sliding at the interface 

between the Ni3A1 grain-boundary film and the 
NiA1 grain (Fig, 5). At  1000 ~ C the total  strain was 

(cleavage) mode, (a) overall view, (b) a detailed view of the 

Figure 5 Grain-boundary cavities observed on a specimen 
deformed to failure at 1000~ and strain rate ~ = 
10 -4 sec -1 " 

Figure 4 Ductile "cup and cone" fracture from a specimen 
deformed to failure at 850 ~ C and strain rate ~ = 10- 4 sec-1. 

Figure 6 Fracture surface from a specimen deformed to 
failure at 1000 ~ C and strain rate ~ = 10 -4 sec- 
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sitic single phase NiA1. These values represent the 
mean of ten measurements and the error quoted is 
the standard deviation. The value of Kic for the 
as-quenched condition is of the same order as that 
for the engineering ceramic SiaN4 and SiC [6]. 
The value of Km for the precipitation-hardened 
condition is approximately half that for cast nickel 
base alloys such as IN 713 C (100 MNm- 3/2 [7] ). 

Figure 7 Fracture surface from a specimen deformed to 
failure at 1000 ~ C and strain rate ~ = 10- 2 sec- 1. 

Figure 8 Detailed view of the grain surfaces from the 
fracture surface in Fig. 7. 

accommodated by both grain-boundary sliding and 
plastic deformation of the grain (see Fig. 6) whilst 
at 1100~ only massive grain-boundary sliding 
occurred and grains remained largely undeformed. 

The material behaviour at higher strain rate 
was different. Below 900 ~ C fracture was predomi- 
nantly cleavage as at lower strain rate, but at 
1000~ fracture was entirely intergranular as 
shown in Fig. 7. Fig. 8 shows the fracture surface 
at high magnification. The fracture surface is 
rough, most probably as a result of plastic de- 
formation and ductile failure of the Ni3A1 grain- 
boundary film. 

3.2. Fracture toughness 
The value of Km at room temperature was 50 +-+- 4 
MNm -3/2 for the precipitation-hardened condition 
and 6 + 0.3 MNm -a/2 for the as-quenched marten- 
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4. Discussion 
The strength of polycrystalline NiA1 is temperature 
dependent. There is a sharp decrease in strength at 
a homologous temperature of approximately 
0.45 Tm [2 -4 ] .  Similar behaviour has been ob- 
served in the case of two-phase alloy Ni-30.3 at. % 
A1-6.6 at. % Cr, although in this case the transition 
temperature increased by 150 ~ C. The mechanism 
of deformation of polycrystalline NiA1 is not very 
well understood. The operation of the {1 00} 
(00 1) and {1 1 0} (1 00)  slip systems are well es- 
tablished [8-11] , b u t  these are not sufficient to 
provide five independent slip systems for poly- 
crystalline ductility [9]. Dislocations with Burgers 
vectors b = (1 1 0) and b = (1 1 1) were also ob- 
served in NiAI [10-13] and if activated they 
could provide the additional independent slip 
systems required for polycrystalline ductility. 
Glide of these dislocations is most likely when 
zero stress is applied along (1 00). However, 
Fraser et al. [14, 15] found that in the tempera- 
ture range 27 ~ C to 777 ~ C, single crystals of NiA1, 
compressed along (0 01), deformed by movement 
of dislocations with b = (1 00). These workers 
showed that glide and climb were competing 
modes of deformation, where climb was promoted 
by temperature increases and strain-rate decreases. 
The behaviour of the two-phase alloy Ni-30.3 
at. % A1-6.6 at. % Cr is as expected from the work 
of Fraser et al. [14, 15]. At the lower strain rate 
the material becomes ductile when the tempera- 
ture is sufficiently high for climb to accommodate 
a significant fraction of the strain. Increase in 
strain rate promotes glide [15] and thus fracture 
stress is exceeded before enough chmb can take 
place to relieve stresses by plastic deformation. 

Two-phase alloy Ni-36at.%A1 appears to be 
stronger than the present alloy; however, the 
difference may be due to different experimental 
techniques used. Russell and Edington [5] used 
compression techniques and thus were able to 
measure the flow stress whilst in the present case 
tensile testing was used and failure may have oc- 



curred at stresses below the flow stress of the 
material. 

Russell and Edington showed that the flow 
stress of the precipitation-strengthened material 
between 20 and 700 ~ C may be described by the 
expression: 

2 o\1/2 
a y =  om + Op ( - ~ )  (1) 

where o111 is the flow stress of the matrix. % is 
twice the value of the critical resolved shear stress 
of the Ni3A1 particles, and is regarded as the 
friction stress of the matrix that must be exceeded 
to produce plastic flow, rs is the particle radius, 
and d the average distance between particles. The 
validity of this equation can be checked in the 
present case. The material only exhibited signi- 
ficant tensile strain to failure at the lower strain 
rate and above 750 ~ C so the results of the calcu- 
lation are only compared with measurements 
taken under these conditions. The data which 
were used in the calculation are tabulated in Table 
I. 

There is no data in the literature giving the 
values of the flow stresses of the NiAI matrix and 
the Ni3 AI precipitates for the present compositions. 
In NiAI with a high supersaturation of Ni, increase 
in Ni content has little further effect on the value 
of the flow stress [3], and therefore it is reasonable 
to assume that am is similar to the flow stress of 
Ni-41,6 at. %A1 [3]. 

The strength contribution of the grain size can 
be neglected since the grain-size dependence of 
the flow stress in NiA1 is small [16, 3]. a v is 
assumed to be twice the value of the critical 
resolved shear stress for {00 1} (1 ]-0) slip, which 
predominates above 700 ~ C [17] in Ni3AI and it 
is quoted by Copley and Kear [18]. 

The calculated and experimental data are 
tabulated. Agreement is poor. The discrepancy 
may be due to the occurence of sliding at the 

interface between NiA1 matrix, Ni3 A1 precipitates 
and grain-boundary film. This phenomenon has 
been observed at temperatures as low as 700~ 
during creep of this alloy [19]. It is also in no way 
certain that the same deformation mechanism 
operates above 750 ~ C as that below 700 ~ C. 

Plastic deformation, during fracture, of Ni3A1 
precipitates and Ni3AI grain-boundary film, and 
the ability of  these precipitates to arrest the crack 
propagation [5], implies that the particle-matrix 
interface is strong. 

Approximating the present alloy to the fibre- 
reinforced case, the work done, W, in rupturing the 
particle is approximately [20] 

w = r a t  (2) 

where Y is the yield stress of the particle,A is the 
cross-sectional area, and t the smallest particle 
dimension. The work done per unit area of the 
crack surface is then approximately 

,y = { y y t  (3) 

where f is the volume fraction of the particles. 
These equations show that a high volume fraction 
of coarse particles is desirable. Kelly [21] showed 
that the work of fracture can be increased in two 
ways in a composite which consists of a brittle 
matrix strengthened by ductile fibres. 

When the matrix fails the load borne by the 
matrix can be supported by the fibres bridging the 
plane of fracture of the matrix. The matrix will 
then fail in another plane and so on, until the 
matrix will be divided by a series of parallel cracks, 
lying normal to the axis of the fibres. Kelly [21] 
estimated that the cracks will be spaced X and 2X 
apart where 

X -  ( 1 -  Vf) amur (4) 
Vf 27" i 

where Vf is the volume fraction of fibres, omu is 
the fracture strength of the matrix, r is the radius 

TAB LE I Data used for the calculation of the flow stress in Equation 1 

Temperature Volume fraction em ap 
(~ C) % Ni3AI (MNm -2) (MNm -~) 

Flowstress (MNm- 2 ) 

Calculated Experimental 

755 0.60 93.2 267.8 299.4 450 
800 0.52 83.4 276 282.1 146 
860 0.52 68.7 248.5 247.6 87 
900 0.52 63.8 210 215 59 

1000 0.40 38.2 100 101.2 38.7 
1100 0.35 14.7 55.2 47.3 15.4 
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of  the fibres and ri is the strength of  the interface. 

Thus the crack length will be controlled by 
both  particle spacing and crack spacing X. The 
comparison o f  KIC values for two-phase and 
single-phase conditions indicates that  the presence 
o f  Ni3A1 particles must have significantly in- 
creased the critical crack size. Thus there can be a 
considerable subcritical crack growth in two-phase 
material. This is consistent with the appearance of  
the fracture surface, observation of  stable micro- 
cracks [5],  and the strain-rate sensitivity of  the 
flow stress. The Ni3AI phase probably acts in two 
ways. Firstly stable microcracks can be produced 
and the crack path  in the grains made more 

complicated. Secondly the grain-boundary Ni3AI 
film is l ikely to reduce the sites for nucleation of  
cracks if, as has been suggested by  Ball and 
Smallman [9] ,  there is a contr ibution to crack 
nucleation from the absence of  enough in- 
dependent  slip systems for general ductili ty. 

5. Conclusions 
(a) The tensile properties are temperature de- 

pendent.  Two temperature regions can be dis- 

tinguished. Below approximately 750~ the 
alloy has high strength and low ductil i ty;  the 
temperature and the strain rate have little effect 
on tensile properties. Above approximately  750 ~ C, 
there is a rapid decrease of  strength and increase of  
ducti l i ty with increasing temperature,  and the 
tensile properties are strain-rate sensitive. 

(b) At  high strain rate or below 750 ~ C, brittle 
failure develops which is predominant ly  trans- 

granular above 900 ~ C. At low strain rate and 
above 750~ ductile failure develops. There is 
considerable grain-boundary sliding above 
1000 ~ C. 

(c) The room temperature fracture toughness is 
increased in the two-phase material from 6-+ 0.3 
MNm- 3/z to 50 + 4 MNm- 3/z. The fracture tough- 

ness is increased because Ni3A1 inhibits the crack 
nucleation and facilitates the formation o f  stable 
microcracks. 
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